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Abstract 

In this work, molecular dynamics (MD) simulations were used to investigate elementary dislocation 

properties in a Co-free high entropy (HEA) model alloy (Cr15Fe46Mn17Ni22 at. %) in comparison with a 

model alloy representative of Austenitic Stainless Steel (ASS) (Cr20Fe70Ni10 at. %). Recently 

developed embedded-atom method (EAM) potentials were used to describe the atomic interactions in 

the alloys. Molecular Statics (MS) calculations were used to study the dislocation properties in terms 

of local stacking fault energy (SFE), dissociation distance while MD was used to investigate the 

dissociation distance under applied shear stress as a function of temperature and strain rate. It was 

shown that higher critical stress is required to move dislocations in the HEA alloy compared with the 

ASS model alloy. The theoretical investigation of simulation results of the dislocation mobility shows 

that a simple constitutive mobility law allows to predict dislocation velocity in both alloys over three 

orders of magnitude, covering the phonon drag regime and the thermally activated regime induced by 

dislocation unpinning from local hard configurations. 

Keywords: High entropy alloys, Austenitic stainless steel, Molecular dynamics, Molecular statics, 

Edge dislocation, Stacking fault energy.  

1 Introduction 

Recent works have shown that some single-phase High Entropy Alloys (HEA) exhibit excellent 

mechanical properties, radiation-resistance properties and phase stability making them potential 

candidates for structural applications [1-10].  However, many authors have traced the origin of these 

properties to the specific behaviour of dislocations [11-28]. Face-Centered Cubic (FCC) HEA, such as 

Cantor alloy consisting of equimolar CoCrFeMnNi composition exhibits excellent mechanical 

properties and improved irradiation resistance [1]. On the other hand, the presence of Cobalt excludes 

Cantor alloy from structural applications in nuclear reactors, due to the production of 60Co 

radioisotope in in-service conditions [19, 29-30]. This is one of the reasons for the design of new Co-

free HEA alloys, mainly from the CrFeMnNi family [19, 29-35].  

Currently, in the major types of nuclear reactor, the in-core components consist mostly of austenitic 

stainless steels (ASS) [36-38] and some authors [29, 36-37] have shown that ASS can be improved to 

exhibit better radiation damage resistance. Few authors like Kumar et al., [29], Gao et al., [35] have 

shown that Co-free alloy can be used for structural application to overcome this extreme environment 

and implemented for the next-generation nuclear reactors.  
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Irradiation hardening and embrittlement are key issues for structure alloys for applications under 

extreme conditions [29, 35, 39-43]. The irradiation hardening is associated to an increase in the critical 

stress of the material while the embrittlement is detected by the change of fractures properties. These 

issues are well investigated in ASS materials from the perspective of both experimental and numerical 

studies [43-45]. Findings from recent works like Zhao et al., [14, 15, 17] have shown that reduction of 

irradiation hardening is possible using FCC multi-principal element alloys (MPEAs) like HEA. The 

authors explained that the fluctuation of SFE improves irradiation tolerance thereby limiting the 

number of defects and cluster growth under the cascade during neutron irradiation. Gao et al., [35] 

have also investigated the role of local SFE on the formation of defects in Cr15Fe46Mn17Ni22 and 

Cr16Fe37Mn13Ni34 (at. %) under irradiation conditions. The reports from these works [15, 17] suggest 

that high fluctuation of SFEs in MPEA would increase the critical stress for dislocation glide and 

therefore, improve the mechanical behaviour of the material. 

To the knowledge of the authors, there is no detailed work that would investigate the elementary 

dislocation behaviour in FCC CrFeMnNi alloys, especially their dissociation and mobility under 

different loading conditions. Experimentally, dislocation mobility is difficult to characterize and 

therefore molecular dynamics (MD) is often adopted to overcome this problem. Over the years, MD 

has been used to investigate the dislocation behaviour of materials of different crystallographic 

structures: FCC [14-17, 27, 43, 46, 47], Body-Centered Cubic (BCC) [48-50] as well as Hexagonal 

Close-Packed (HCP)[51, 52].  

In our previous work [46], we developed a new embedded atom method (EAM) type interatomic 

potential to describe FCC CrFeMnNi systems. This is one of the few available EAM potentials that 

have been able to describe the dislocation properties of CrFeMnNi systems and their subsystems. This 

potential was fitted to reproduce good agreement for elastic constants, stacking fault energy and phase 

stability compared to experimental measurement, density functional theory and thermodynamic 

modelling. Gao et al., [35] recently used this potential to describe the effect of local stacking fault 

energies in Co-free alloys. To validate and confirm our results, some of the predictions of this 

potential are compared with those of a ternary potential [47] dedicated to the CrFeNi system. In the 

following, this potential is referred to as EAM-11, while the potential in [46] is called EAM-21. The 

default potential to be considered when it is not specified is EAM-21. When EAM-11 is used, it will 

be explicitly mentioned. The objective of this work is to investigate and compare elementary 

properties affecting the dislocation behaviour such as the fluctuation of the local SFE, and dislocation 

dissociation and mobility in the ASS and the HEA model alloys. A constitutive description of the 

dislocation mobility in the two systems is reported, providing insight into the mechanical 

characteristics of these two model alloys.  

2 Methods 

2.1 Selection of model alloys 

This present study is general and applicable to any austenitic stainless steel CrFeNi, especially 300 

series of steel of American standard AlSl (304 and 316-type) and Co-free HEAs such as FCC 

CrFeMnNi [19, 29-35]. The calculations are narrowed to Cr20Fe70Ni10 at. % and Cr15Fe46Mn17Ni22 at. 

%. The reasons for the selection of these alloys are as follows:  

a) Olszewska [33] work has reported that Cr15Fe46Mn17Ni22 alloy also called “Y3 grade” exhibit 

properties that are very similar to the Cantor alloy [1]. The interatomic potential we recently 

developed [46] fits the SFE of Cr15Fe46Mn17Ni22 to be 26 mJ/m2 so it can follow the 

calculations of SFE by Zaddach et al., [53] and Smith et al., [13] for Cantor alloy which give 

values in the range of 26-28 mJ/m2. The SFE is important to reproduce a reliable dislocation 

behaviour and hence, one of the reasons for Cr15Fe46Mn17Ni22 alloy selection.      
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b) In a previous work carried out by Kumar et al., [29], Cr18(FeMnNi) wt. % alloy was shown to 

have a better radiation resistance than CrFeNi austenitic alloys. However, no work has given 

an in-depth understanding of irradiation conditions for Cr15Fe46Mn17Ni22 excepted Gao et al., 

[35] that experimentally investigated the ratio of faulted Frank loop against perfect loop and 

discovered that the formation of the defects depends on the fluctuations of SFE. Yet, no 

information was reported on the plasticity of Cr15Fe46Mn17Ni22, especially on the collective 

behaviour of defect character either edge or screw dislocation. 

 

2.2 Computational methods 

 
Figure 1: Coordinate system and geometry of the calculation box used for the present study. The periodic 

boundary condition is along with x and y directions, while the free boundary condition is along the z-direction. 

An edge dislocation is inserted in the middle by joining two half crystals and stress is induced by deformation 

rate as explained in the text. 

EAM-11 potential [46] and EAM-21 potential [47] was used to calculate the dissociation distance and 

motion of dislocations for Cr20Fe70Ni10 and Cr15Fe46Mn17Ni22 alloy respectively. The calculations 

based on EAM-11 potential was used in a classical MD code developed in the Tokyo University of 

Science (MicroMD). EAM-21 potential was used in two different MD codes in this work: DYMOKA 

code [54] for molecular statics (MS) and Large-scale Atomic/Molecular Massively Parallel Simulator 

(LAMMPS) software [55] for molecular dynamics (MD) simulations. When the box dimensions are 

too low, say few nanometers, the partial dislocations strongly interact with their images through the 

periodic boundary and with the fixed atomic layers. In this case, the box dimensions affect all the 

observed dislocation properties. As shown in figure 1, the simulation boxes dimensions are 45 × 30 ×

20 𝑛𝑚3 in [110], [11̅2] and [1̅11] directions, respectively, which correspond to about 2.59 million 

atoms in the cell. These dimensions are large enough to avoid spurious effects induced by the 

simulation box size. The model material is relaxed and then thermalized at given temperatures. The 

periodic boundary conditions are applied on the (110) and (11̅2) planes. For the dislocation motion 

calculations, two different methods were used to introduce the ½ <110>{111} edge dislocation in the 

simulation box. The method called d+ was initially reported by Osetsky et al [56] in which the 

dislocation is initially spread over the whole simulation width. The second one is called d- method was 

described by Rodney et al. [57] and corresponds to the generation of a compact dislocation (Volterra 

dislocation).  The atoms on the top and bottom surfaces are fixed and then displaced in the [110] 

direction at a constant displacement rate to apply shear deformation at a given strain rate. Since the 

temperature change during deformation is typically only several kelvins, no temperature control was 

performed during the deformation calculations. The shear stress is calculated from the component of 

the force on the fixed atoms parallel to the Burgers vector. The dislocation lines were identified by the 

common neighbour analysis (CNA) method [58] and the dislocation extraction algorithm (DXA) 

function [59].   

The SFE calculations were carried out using the same fcc crystal simulation cell box and oriented 

directions. To determine the SFE, the simulation box sizes of about 10 × 5 × 10 × 12 containing 
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around 6000 randomly distributed atoms and to analyze the role of local SFE, 6000 calculations with 

different random seeds within the calculation box were performed. The SFE is defined as: 

 

𝛾𝑆𝐹𝐸 =
𝐸𝑓 − 𝐸𝑖

𝐴
 

                                      

(1) 

 

where 𝐸𝑓 and 𝐸𝑖 are the energies of the system after and before creating stacking fault, respectively, 

and 𝐴 is the area of stacking fault.  

3 Results and discussion 

3.1 Elastic deformation response of the alloys 

The shear modulus on the {111} planes in the <110> directions of the Cr20Fe70Ni10 and 

Cr15Fe46Mn17Ni22 alloy was investigated. The shear modulus is obtained by loading the simulation box 

(Fig. 1) and it equals the slope of the shear stress – shear strain curve when the dislocation does not 

move. Figure 2 shows the obtained response of the box at 300 K with a strain rate of 106 𝑠−1. Every 

peak of the curves corresponds to a rearrangement of the dislocation cores. Between the peaks the 

dislocation is immobile, and the slope can be unambiguously calculated. From our MD calculation, the 

shear modulus is estimated to be 59 GPa and 79 GPa for the ASS Cr20Fe70Ni10 and HEA 

Cr15Fe46Mn17Ni22 alloys respectively. These values are compared with the values predicted by the 

anisotropic-elastic theory [60, 61] of the shear modulus on the {111} planes in the <110> directions. 

In cubic symmetry, it is given by 𝜇 = (𝐶11 − 𝐶12 + 𝐶44)/3. Table 1 shows the calculated values for 

both alloys. The latter is in close agreement with the values obtained from MD simulations and The 

difference in value is due to anisotropic-elastic theory's lack of a lattice force. 

Table 1. The table contains the elastic constants predicted by EAM-21 potential, the estimated shear modulus 

from molecular dynamics calculations, anisotropy elastic theory denoted with 𝜇MD and 𝜇ani-ela. respectively (in 

GPa) for Cr20Fe70Ni10 and Cr15Fe46Mn17Ni22 at 300 K. 

Alloy C11 (GPa) C12 (GPa) C44 (GPa) 𝝁MD (GPa) 𝝁Ani-ela. (GPa) 

Cr20Fe70Ni10 192 135 122 59 60 

Cr15Fe46Mn17Ni22 235 144 125 79 72 

 

 
Figure 2: Stress-stress response to shear loading of the simulation box at 300 K ( �̇� =  106 𝑠−1). The shear 

modulus is estimated between the peaks on each curve. P1 and P2 are the points to determine the slope of the 

line. 
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Experimentally, the shear modulus decreases with temperature [62, 63]. This agrees with the results 

presented in figure 3, in which we depict the evolution of the three elastic constants with temperature. 

All constants decrease significantly with temperature between 0 and 900 K. This qualitatively agrees 

with Haglund et al., [63] experimental explanation for HEA.  

 
Figure 3: Temperature-dependence of the single elastic constant and the shear modulus 𝜇  for the austenitic 

stainless steel, Cr20Fe70Ni10 and HEA, Cr15Fe46Mn17Ni22. (a-c) 𝐶11, 𝐶12, 𝐶44 and (d) shear modulus 𝜇 for 0-900 K 

(The approach used can be seen in the appendix).  

 

3.2 Investigation of the stacking fault energy 

The <110>{111} edge dislocation in Cr20Fe70Ni10 and Cr15Fe46Mn17Ni22 alloy dissociates into two 

Shockley partial dislocations separated by a stacking fault ribbon [64]. This follows the Shockley 

schema as: 

 
𝑎

2
[110] ↔

𝑎

6
[121] +

𝑎

6
[211̅] 

 

                                       

(2) 

 

The atom distributions in the stacking fault ribbon region play an important role in the fluctuations of 

the dissociation distance. Moreover, both alloys have random atoms in nature Here, the effect of local 

atom distributions on the SFE was investigated. As earlier stated in section 2.2, the role of the local 

SFE distributions can be carried out by varying the element arrangement using different random seeds 
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in the simulation as implemented in [14-18]. The SFE distribution is estimated with a Gaussian 

distribution given as: 

 

 

𝑔(𝑥) =
1

𝜎√2𝜋
𝑒𝑥𝑝

−
(𝑥−𝜇)2

2𝜎2  

 

 

                                       

 

(3) 

  

where the values of 𝜇, and 𝜎 is the mean of the SFE and the standard deviation of the SFE distribution, 

respectively. 

 

 
Figure 4: Distribution of stacking fault energy of a) Cr20Fe70Ni10 and b) Cr15Fe46Mn17Ni22 alloy with 6000 

random realizations. The mean and standard deviation are represented by 𝜇, and 𝜎, respectively.  

 

In figure 4, the distribution of the SFE of Cr20Fe70Ni10 and Cr15Fe46Mn17Ni22 alloy is presented. The 

mean value of SFE of Cr20Fe70Ni10 is estimated to 19 mJ/m2 and Cr15Fe46Mn17Ni22 alloy is evaluated to 

be 28 mJ/m2. However, the standard deviation which defines the fluctuations of the SFE distribution is 

approximately 12 mJ/m2 for Cr20Fe70Ni10 and 18 mJ/m2 for Cr15Fe46Mn17Ni22 alloy. The calculations in 

figure 4 suggest that the fluctuation of the SFE distribution increases as the chemical composition 

becomes complex.  

 

3.3 Dislocation dissociation in the different alloys 

Since two opposite methods were used to introduce the edge dislocation in the simulation box, it is 

important to check their possible effects on the dislocation behaviour. To illustrate the effect of the 

selected method on the resulting dissociation, we apply both methods on the ASS (Cr20Fe70Ni10) alloy 

using EAM-11 potential and analyze the obtained dislocation structure, relaxed at 300K (see Fig. 5). 
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Figure 5: a sketch of the edge dislocation construction methods in the xz plane and the obtained dislocations 

after relaxation at 300 K in the xy plane.  

The resulting dissociation is completely altered by the construction method. Is this discrepancy a 

simulation spurious effect or the consequence of a hidden physical mechanism? To answer this 

question, we follow the analysis reported in [64]. In pure FCC metals, the friction stress (solid 

solution) is negligible. The dislocation dissociation reaches equilibrium after relaxation in both 

methods. But in concentrated alloys, friction stress cannot be ignored, which affects simulation results 

as follows. When the edge dislocation in Fig. 1 is dissociated into two partials (“Partial_1” to the right 

and “Partial_2” to the left in the figure), every partial is submitted to the following force per unit 

length components Fapp, Fint, Ff and F corresponding respectively to the applied (Peach-Koehler) force 

induced by the applied shear stress app (Fapp= appb), the elastic repulsion between the partials, the 

friction (solid solution) force and the attraction force induced by the positive stacking fault energy 

(SFE) (F =  per unit length). When forces are taken in absolute values, the total force on Partial_1 

and Partial_2 are:  

F1 = Fint –   Ff + app b /2  (4) 

 

F2 = –  Fint +   Ff + app b /2 (5) 

 

where b is the norm of the Burgers vector. The division by 2 of the applied stress term results from the 

projection of the partial Burgers vectors on the x –axis. We will see that these equations can explain 

all simulation results on the dislocation dissociation after relaxation. 

Let us first define what we call the equilibrium dissociation width do. By definition, it corresponds to 

the dissociation width under zero applied stress and zero friction stress. Imposing F1 = F2 = 0 leads to 

Fint = F  for the two partials. Recalling that for edge dislocations [64]:  

𝐹𝑖𝑛𝑡 =
𝐺𝑏2(2 + 𝜈)

24𝜋(1 − 𝜈)𝑑
 

 

(6) 

 

Then, we obtain: 

𝑑𝑜 =
𝐺𝑏2(2 + 𝜈)

24𝜋(1 − 𝜈)𝛾
 

 

(7) 

 

In eqs. 4 and 5, the “” sign accounts for the indetermination in the sign of the friction stress since it 

always opposes the dislocation motion. During relaxation of the initial atomic configuration in the d+ 
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method [56], the dislocation is initially dissociated over the whole simulation box width as shown in 

fig. 4. d is thus larger than do and partials tend to move towards each other. While in the d- method 

[57], the initial dislocation is compact and the two partials too close (d ≪ do). Under the effect of Fint 

partials tend to move away from each other. Consequently, during relaxation in the d- method, we can 

set the force balances as: F1 = Fint –   – Ff and F2 = –Fint +  + Ff, while in the d+ method, we have F1 

= Fint –   + Ff  and F2 = –Fint +  – Ff. Therefore, in the d- method, the partials stop spreading when Fint 

=  + Ff. The final dissociation width in the d- method is thus:  

𝑑− =
𝐺𝑏2(2 + 𝜈)

24𝜋(1 − 𝜈)(𝛾 + 𝐹𝑓)
 

 

(8) 

 

The spreading of the partials decreases with the friction stress and remains always lower than the 

equilibrium width do. The situation is different in the d+ method. During relaxation, the only driving 

force for motion is the stacking fault energy , which must overcome the elastic repulsion and the 

friction stress. In order to have an idea of the order of magnitude of the different components, consider 

a separation of d = 20 nm, with a shear modulus of 70 GPa and Poisson’s ratio of 0.3, one obtains 

from eq. 6: Fint ≈ 9.5 mJ, while the average SFE is close to 28 mJ/m2. Converting forces per unit 

length to shear stresses (using the relation  = F /b), we obtain int ≈ 38 MPa and  ≈ 100 MPa. 

Consequently, in the d+ method the partials will not be able to move towards each other if the friction 

stress is larger than 100 – 38 ≈ 62 MPa. As it will be seen in the next section, this is almost always the 

case. In the d+ method, the obtained dissociation width is large, constant and temperature independent.  

Now let us study the dissociation width under a given positive applied stress, large enough to induce 

dislocation motion. When the partials start moving in the positive x-direction, the friction stress on 

both partials in the two configurations (d- and d+ methods) becomes negative (negative sign in 

equations 4 and 5). When the velocity is constant, the resultant force on both partials remains zero: F1 

= F2 = 0. The applied stress balances completely the friction stress:  app b /2 - Ff = 0. This is 

equivalent to the condition of dissociation under zero friction and applied stress. The condition Fint = 

F is recovered and the dissociation width matches with do give in equation 7. In summary, under an 

applied stress in the d- method (Figure 5), Partial_1 starts to move first in the positive x-direction and 

the separation between partials increases to do. In contrast, when the dislocation is introduced using the 

d+ method (Figure 5), it is Partial_2 which starts in the positive x-direction getting closer to Partial_1 

and the final dissociation width decreases to do. The equilibrium dissociation width in concentrated 

alloys can be obtained only during dislocation motion. Of course, when the applied stress is removed 

after the dislocation motion, the dissociation width remains at do and the system “forgets” its initial 

configuration whether it was d+ or d-.     

To confirm these theoretical findings, we investigate the dissociation width after relaxation, with the 

edge dislocation introduced using the two methods (d+ and d-) and compare it with that computed 

during dislocation motion do as a function of temperature in the ASS alloy. The results obtained using 

EAM-11 potential are shown in Fig.6a.   
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Figure 6: Dissociation width vs temperature. (a) effect of the dislocation introduction method (d+ and d-) on the 

dissociation width in the relaxed ASS alloy (Cr20Fe70Ni10) using the EAM-11 potential compared with the 

dissociation width measured during motion do. (b) effect of the strain rate and temperature on the dissociation 

under the motion of the edge dislocation in the HEA (Cr15Fe46Mn17Ni22) and ASS (Cr20Fe70Ni10) alloys using the 

EAM-21 potential 

In Fig. 6a, we notice that in agreement with the predictions: (i) d+ remains constant as predicted since 

Ff > Fγ - Fint in the whole temperature range; (ii) d- increases significantly with temperature also as 

predicted by eq. 8 owing to the large decrease in the friction stress (see next section); (iii) the 

measured dissociation width during motion do is as expected between d+ and d-. It increases slightly 

with temperature due to the slight decrease in the shear modulus. 

 

Fig. 6b, shows the evolution of the dissociation width during its motion as calculated for both alloys 

using the EAM-21 potential at different strain rates and temperatures. First, we notice that strain rate 

does not affect the dissociation width, which slightly increases with temperature owing to the decrease 

in the shear modulus. Second, the dissociation width in the ASS alloys (Cr20Fe70Ni10) remains larger 

than in the HEA alloy (Cr15Fe46Mn17Ni22). This is of course attributed to the fact that the SFE in the 

ASS alloys is lower than in the HEA alloy.      

 

3.4 Dislocation mobility 

As a general statement, molecular dynamics results show that the average shear stress required to 

move the dislocation is higher in the Cr15Fe46Mn17Ni22 HEA alloy than in the Cr20Fe70Ni10 ASS alloy at 

all temperatures and strain rates. The motion of the partial dislocations is always jerky. This is 

evidenced by the large number of peaks on the stress-strain curves, see Fig. 7. Partials are 

continuously pinned by many local strong atomic configurations. Every stress peak corresponds to an 

unpinning event.  
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Figure 7: Examples of the loading curves of the simulation box (using EAM-21) containing an edge dislocation 

at different temperatures of the ASS (Cr20Fe70Ni10) alloy and of the HEA (Cr15Fe46Mn17Ni22). The black, red, 

green and blue curves refer to simulations at 10, 300, 600 and 900 K, respectively.  

 

In the following, the critical stress for the dislocation motion at a given stress and strain rate is 

computed as an average of the stress curve recorded beyond the elastic loading. However, the 

dislocation velocity is computed from the average dislocation position, taken as the average positions 

of the partial dislocations. Figure 8 shows the evolution of the critical stress as a function of the 

dislocation velocity at different simulation temperatures. 

 
Figure 8: Evolution of the critical resolved shear stress (CRSS) on the (111) plane as a function of the 

temperature at different strain rates for the (a) ASS alloy (Cr20Fe70Ni10) using EAM-11 and EAM-21 and the (b) 

HEA alloy (Cr15Fe46Mn17Ni22) using EAM-21.  

 

The result shows that, as expected from the thermal activation theory, the average stress during 

dislocation motion decreases strongly with temperature and increases with strain rate in both alloys. 

Results obtained with the two potentials (EAM-11 and EAM-21) on the ASS alloy (Cr20Fe70Ni10 alloy) 

using different MD codes and different simulation box dimensions are found to collapse on the same 

curves in Fig. 8, which confirms the consistency of the two potentials. It can be clearly seen in the 

figure that the evolution is not linear in both alloys. The tendency to saturation in the critical stress is 

not due to the limit of sound speed, since the latter is much larger than the velocities shown in the 

Figure. In the following, a constitutive equation was proposed for the description of behaviour shown 

in Figure 8. 
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In order to correctly describe the dislocation behaviour, two regimes must be distinguished. As widely 

known [65], during dislocation motion in pure materials, dislocation interacts with phonons (friction 

regime). At velocities much lower than the sound velocity, this resistance is viscous and linear in FCC 

materials, see for example [66]. The velocity vf in this regime is well described by a simple friction 

model: 

𝑣𝑓 =
𝜏𝑏

𝐵
 

 

(9) 

 

where B is the drag coefficient. For the sake of simplicity, we consider a constant average value for 

the drag coefficient B = 4.5 10-5 Pa.s. This value is consistent with other investigations (ex. [67]). 

However, in highly concentrated alloys, where some hard local configurations require unpinning by 

thermal activation, another regime prevails especially at low temperature/low stress (thermal regime). 

Although many sophisticated models were reported in the literature, it turns out that a simple 

Arrhenius type equation correctly predicts the behaviour of the dislocation in these simulations. The 

thermally activated velocity of the dislocation vth is given by: 

𝑣𝑡ℎ = 𝑣𝑜𝑒𝑥𝑝 −
∆𝐻

𝑘𝑇
 

 

(10) 

 

where vo is a constant, H is the stress-dependent activation enthalpy and k is the Boltzmann constant. 

In general, dislocations are submitted simultaneously to the friction resistance (eq. 9) and to the 

thermally activated rate (eq. 10). Consequently, there is no way to completely isolate the friction 

regime from the thermally activated one. Away to decrease the thermally activated component is to 

strongly increase the stress, which results in a low activation energy. But in this case, the velocity 

becomes very high and may start saturating close to shear wave velocity. A superposition rule is thus 

required. For the dislocation to move, the applied stress must be large enough to overcome the phonon 

resistance and to provide enough shear rate for thermal activation. As discussed in [68], the two 

resistances must add in parallel which implies that the final dislocation velocity matches with the 

harmonic mean of both velocities:  

1

𝑣
=

1

𝑣𝑓
+

1

𝑣𝑡ℎ

 
 

(11) 

 

The value of vo = 2000 m s-1 was found to ensure a smooth evolution of H with the shear stress  in 

all simulations (different temperatures and strain rates). Using data in Fig. 8, the obtained activation 

enthalpy as a function of stress is shown in Fig 9 for the two alloys. 
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Figure 9: Evolution of the activation enthalpy as a function of the applied shear stress in ASS (Cr20Fe70Ni10) and 

HEA (Cr15Fe46Mn17Ni22) alloys. 

 

As expected, the activation enthalpy is a monotonously decreasing function of the stress. Again, 

results of the two potentials (EAM-11 and EAM-21) on the ASS alloy (Cr20Fe70Ni10 alloy) using 

different MD codes and different simulation conditions are found to collapses on the same curve in 

Fig. 9. Comparing the results of the two investigated alloys in Fig.9, one notice that activation 

enthalpy at given stress is larger in the HEA alloy than in the ASS alloy. To provide a constitutive 

equation for the dislocation motion, one must provide an analytical expression for H as a function of 

shear stress . Following the framework of Kock et al [69], fitting attempts show that the enthalpy 

barrier for both alloys can be described by the unique expression: 

𝐻 = 𝐻𝑜 (1 − √


𝑜
)

2

 

 

(12) 

 

in which Ho is the total activation enthalpy (i.e. under zero applied stress) and o is the theoretical 

threshold stress at absolute zero temperature. The other coefficients depend on the alloy composition: 

Ho = 0.8 eV and o = 400 MPa for the ASS (Cr20Fe70Ni10 alloy) alloy and Ho = 1.1 eV and o = 550 

MPa for the HEA (Cr15Fe46Mn17Ni22) alloy. The higher value of o in the HEA alloy suggests that the 

local pinning forces are stronger than in the ASS model alloy. To check the values of o found in our 

identification process, the ideal solution is to carry out molecular static simulations (i.e. at 0 K). 

However, energy minimization is required in molecular statics, which is much more time consuming 

especially for our large box size. Instead of that, we carried out simulations at 10 K (see Fig. 7). The 

values found for the average flow stress are lower but quite close to the identified values of o, which 

validate our superposition rule (the harmonic mean). The comparison between the dislocation velocity 

computed in MD simulations and the predicted velocity using eq. 11 (together with eq. 9 and 10) are 

illustrated in Fig. 10a. 
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Figure 10: (a) Comparison between the predicted and computed dislocation velocities in all simulations and (b) 

illustration of the predicted dislocation velocity as a function of shear stress in the ASS alloy (Cr20Fe70Ni10) at 

two different temperatures. 

 

The predicted values of the velocity agree closely with the computed ones over at least three orders of 

magnitudes. This confirms our approach in superposing the thermally activated regime to the friction 

regime using the harmonic mean of the velocities. To illustrate the consequences of this superposition 

rule, we show in Fig. 10b the evolution of the velocity as a function with the applied shear stress at 

two different temperatures 100 and 600 K. At low stress, the dislocation velocity is strongly dependent 

on temperature, which is characteristic of the thermally activated regime. However, at high stress, 

there is no effect of the temperature on the dislocation velocity which indicates that the controlling 

regime is the friction stress.           

4 Conclusion 

In this study, the elementary dislocation properties in a model alloy of austenitic stainless-steel ASS, 

(Cr20Fe70Ni10) and a model high entropy alloy HEA, (Cr15Fe46Mn17Ni22) were investigated using two 

potentials and different MD codes at different temperatures and strain rates. Based on the above 

presented and discussed results the following conclusions can be drawn: 

I. There is a strong fluctuation of the local SFE in both alloys, that can accurately be described 

by a Gaussian distribution function, in agreement with experimental observations. The SFE 

fluctuation is higher in Cr15Fe46Mn17Ni22 alloy compared to Cr20Fe70Ni10 alloy. 

II. The critical stress for the dislocation motion of the ½<110>{111} edge dislocation is larger in 

the Cr15Fe46Mn17Ni22 in comparison with the Cr20Fe70Ni10 alloy. The critical stress decreases 

strongly with temperature and strain rate, which is consistent with experimental investigations 

of solid solution strengthening. 

III. The method used to introduce the dislocation in the simulation box is found to strongly alter 

the dissociation width obtained after relaxation. A theoretical explanation is presented to 

explain this issue and to confirm that an equilibrium dissociation width is achieved during 

dislocation motion. Moreover, the equilibrium dissociation width of Cr20Fe70Ni10 alloy is 

larger than the width of Cr15Fe46Mn17Ni22 alloy. The difference can be traced to the SFE 

values, the SFE of ASS alloys is lower than that of HEA alloy.      

IV. The dislocation velocity varies as a function of the applied stress and simulation temperature. 

The velocity is found to obey a harmonic mean superposition rule involving a viscous regime 

induced by phonon drag and a thermally activated regime induced by local dislocation pinning 

due to strong fluctuation in the local chemical composition. The provided constitutive 

equation is found to accurately predict the dislocation velocity over three orders of magnitudes 
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in the Cr20Fe70Ni10 and Cr15Fe46Mn17Ni22 alloys. Therefore, the dislocation velocity is found to 

be faster in ASS when compared to HEA.  

5 Data availability 

All data included in this study are available upon request by contact with the corresponding author. 
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Appendix A 

Temperature-dependence of the single elastic constant and the shear modulus 𝝁 

There are three methods for estimating the elastic constants: (a) direct approach, which involves 

calculating the change in internal energy due to applied strain, (b) calculating the box fluctuation with 

Canonical ensemble; NPH (number of atoms, pressure, and enthalpy are constant), or NPT (number of 

atoms, pressure, and enthalpy are constant) (number of atoms, pressure, and temperature are constant) 

and (c) Using microcanonical ensembles and keeping volume constant, the elastic constant can be 

calculated as the average of stress fluctuations; NVE (number of atoms, volume, and energy are 

constant) or NVT (number of atoms, volume, and energy are constant) (number of atoms, volume, and 

temperature are constant). 

The third method was employed to maintain the volume of the box when temperature was applied. 

The simulation box comprises approximately 30000 atom crystals that are subjected to <111> tensile 

loading with periodic boundary conditions applied in all directions. When the temperature was 

applied, NPT was employed to maintain equilibrium. After the system has been relaxed, NVT is 

applied to the MD simulation to achieve system equilibration so that the elastic constant may be 

calculated with temperature. 

The isothermal stress fluctuations formula was utilized to analyze the MD results in order to derive the 

elastic constant for finite temperature, as follows [70-71]: 

𝐶𝑖𝑗𝑘𝑙 = 〈𝜒𝑖𝑗𝑘𝑙
𝐵 〉 −

𝑉

𝑘𝐵𝑇
(〈𝑃𝑖𝑗𝑃𝑖𝑙〉 − 〈𝑃𝑖𝑗𝑃𝑘𝑙〉) +

2𝑁𝑘𝐵𝑇

𝑉
(𝛿𝑖𝑘𝛿𝑗𝑙 + 𝛿𝑖𝑙𝛿𝑗𝑘) 

 

 

(A.1) 

 

where the first term is the Born term, which is an elastic constant at 0 K and is defined as [47]: 

𝜒𝑖𝑗𝑘𝑙
𝐵 =

1

𝑉

𝜕2〈𝐸〉

𝜕휀𝑖𝑗𝜕휀𝑘𝑙
 

 

 

(A.2) 

〈𝐸〉 is the average energy per atom, while V is the atomic volume, 𝑁 is the number of atoms and 𝑘𝐵 is 

the Boltzmann constant. 

The stress tensor fluctuation is the second term in equation (A.1), and the kinetic energy is the last 

term.  

It is important to note that, the lattice parameter used for the MD calculation are also temperature 

dependance, the figure A.1 shows the evolution of the equilibrium lattice parameter with temperature 

for the two study alloys.  

The method used follows the approach used in [72]. 
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Figure A1: Equilibrium lattice parameter with temperature for HEA (Cr15Fe46Mn17Ni22) and ASS (Cr20Fe70Ni10) 

alloys using the EAM-21 potential 

 


